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Li Ion Diffusion Mechanisms in the Crystalline Electrolyte
␥-Li3PO4
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Solid state lithium ion electrolytes are becoming increasingly important in batteries and related technologies. We have used
first-principles modeling techniques based on density functional theory and the nudged elastic band method to examine possible
Li ion diffusion mechanisms in idealized crystals of the electrolyte material Li3PO4. In modeling the Li ion vacancy diffusion, we
find direct hopping between neighboring metastable vacancy configurations to have a minimal migration barrier of Em = 0.6 eV.
In modeling the Li ion interstitial diffusion, we find an interstitialcy mechanism, involving the concerted motion of an interstitial
Li ion and a neighboring Li ion of the host lattice, that can result in a migration barrier as low as Em = 0.2 eV. The minimal
formation energy of a Li ion vacancy-interstitial pair is determined to be E f = 1.6 eV. Assuming the activation energy for intrinsic
defects to be given by EA = Em + E f /2, the calculations find EA = 1.0–1.2 eV for ionic diffusion in crystalline ␥-Li3PO4, in good
agreement with reported experimental values of 1.1–1.3 eV.
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Recently, there has been a lot of interest in solid electrolyte materials which are permeable to Li ions 共Li+兲 and impermeable to
electrons for use in batteries and related technologies. In particular,
the LiPON electrolyte material based on Li3PO4 was developed at
Oak Ridge National Laboratory.1-4 Because of its chemical and
physical stability, it can be reliably used in very thin films in a
variety of applications.5
In order to better understand the properties of these materials, we
have used first-principles modeling techniques to examine possible
Li ion diffusion mechanisms in idealized crystals of Li3PO4. We
report on our study of several plausible diffusion processes, considering vacancy and interstitial ion motions.
Calculational Methods
There are two well-characterized crystalline forms of Li3PO4
which are labeled ␤ and ␥.3,6-8 An ␣ form is mentioned in the
literature,9 but its crystal structure has not been completely determined. This study focuses on the ␥ form, which is thermodynamically less stable than the ␤ form,10 but which is sufficiently metastable to be observed and measured at room temperature by several
experimental groups.
Crystalline ␥-Li3PO4 has the orthorhombic Pnma structure
共62兲.11 Figure 1 shows a ball and stick drawing of four unit cells of
the ideal crystal. The Li ions are located on two crystallographically
different sites indicated with different shadings in the figure. Using
the Wyckoff labels, the d site accounts for eight equivalent Li ions
and the c site accounts for four equivalent Li ions per unit cell. Table
I lists the lattice parameters and the fractional coordinates of the
inequivalent atoms for this structure.
The energy calculations performed in this study are based on
density functional theory12,13 and are carried out using the Quantum
ESPRESSO 共PWscf兲 package14 and the ultra-soft pseudopotential
formalism of Vanderbilt.15 The pseudopotentials for Li, P, and O are
constructed using the USPP code15 and tested for agreement with
calculations using other methods and codes.16,17 The form of the
exchange-correlation functional is taken to be the generalized gradient 共GGA兲 form.18,19 Visualizations of the structures are obtained
using XCrySDen20 and OpenDX21 software.
For the perfect crystal, the lattice constants calculated using variable cell optimization22 are given in Table I and compared with
experimental values. The calculated values are approximately 1%
larger than experiment as is consistent with our experience using the
GGA to study similar materials 共while the local density approximation generally underestimates the lattice constants兲.17 The calculated
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internal coordinates of the inequivalent sites are found to agree with
the experimental values of the fractional coordinates within ±0.004.
The results reported here are obtained using the supercell shown
in Fig. 1 having dimension a ⫻ 2b ⫻ 2c. The planewave expansions are truncated with wave vectors 兩k + G兩2 艋 30 Ry and the
Brillouin zone integrals are performed using a single k point at the
1 1 1
corner 共 2 , 2 , 2 兲 of the zone. Convergence tests show that the relative
errors in total energies are ±0.01 eV and in atomic positions are
±0.02 Å. Vacancy or interstitial defects are simulated by removing a
Li ion from or by adding a Li ion to the supercell. The supercells
have 127 atoms with 1 excess electron or 129 atoms with 1 deficient
electron for the vacancy or interstitial simulations, respectively. The
charged supercells are compensated with uniform background
charge for the purpose of calculating the Coulomb interaction.
Experimental measurements have shown that the Li ion conductivity of polycrystalline3 and single crystal23 samples follows an
Arrhenius temperature 共T兲 dependence of the form

Figure 1. 共Color online兲 Ball and stick drawing of the Pnma crystal structure
of ␥-Li3PO4. Li ions are indicated by light and dark gray balls representing
the inequivalent d共8兲 and c共4兲 sites,11 respectively. The P and O ions are
indicated by small balls and sticks 共colored on line yellow and blue, respectively兲. The four unit cells shown in the drawing represent the supercell used
in the present work. The labels indicate possible Li vacancy sites explained
in the text.
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Table I. Lattice constants and fractional atomic coordinates of
inequivalent atomic positions for ␥-Li3PO4.

Table II. Vacancy diffusion steps.
Stepa

Net distanceb

E mc

a

1共d兲 ↔ 2共c兲
2共c兲 ↔ 3共d兲
1共d兲 ↔ 2共c兲 ↔ 3共d兲

2.95
3.20
5.31

0.36
0.69
0.69

b

1共d兲 ↔ 4共d兲
4共d兲 ↔ 5共d兲
1共d兲 ↔ 4共d兲 ↔ 5共d兲

3.06
3.11
6.17

0.45
0.67
0.67

c

4共d兲 ↔ 8共d兲
4共d兲 ↔ 8共d兲 ↔ 7共d兲
4共d兲 ↔ 6共c兲
6共c兲 ↔ 7共d兲
4共d兲 ↔ 6共c兲 ↔ 7共d兲

3.09
4.99
3.51
2.70
4.99

0.56
0.56
0.55
0.63
0.63

Net direction
a 共Å兲
b 共Å兲
c 共Å兲

Ref. 6

Ref. 3

Ref. 8

This work

10.53
6.12
4.93

10.4612
6.1113
4.9208

10.490
6.120
4.9266

10.58
6.17
4.99

Li共d兲 x
y
z

0.162
0.495
0.304

0.1627
0.5016
0.3008

0.1639
0.5013
0.3013

0.164
0.502
0.303

Li共c兲 x
y
z

0.422
0.75
0.196

0.4246
0.75
0.2045

0.4237
0.75
0.2056

0.425
0.75
0.202

P共c兲 x
y
z

0.411
0.25
0.308

0.4115
0.25
0.3079

0.41151
0.25
0.30878

0.412
0.25
0.308

a
b
c

O共d兲 x
y
z

0.342
0.042
0.205

0.3418
0.0441
0.2054

0.34167
0.04289
0.2057

0.341
0.043
0.205

O共c兲 x
y
z

0.052
0.25
0.295

0.0503
0.25
0.2928

0.05042
0.25
0.2937

0.051
0.25
0.297

O共c兲 x
y
z

0.090
0.75
0.125

0.0896
0.75
0.1223

0.08964
0.75
0.1223

0.089
0.75
0.122

共T兲 =

0 −E /k T
e A B
T

关1兴

where 0 is a constant prefactor which depends on details of the
sample and EA is the activation energy. For extrinsic defects, EA is
the same as the migration energy of the defects, Em. However, for
intrinsic defects, using quasi-equilibrium statistical mechanics
arguments,24,25,a it follows that EA = Em + E f /2, where E f is the formation energy of the vacancy-interstitial pair. In this work, estimates
for the migration energies Em for Li ion diffusion are calculated
using the “nudged elastic band”26-28 method 共NEB兲 as implemented
in the PWscf code. The basic assumptions of this approach26 are that
the diffusion is slow enough so that the processes are well described
by Boltzmann statistics and so that the diffusion rate is controlled by
processes which pass through harmonic regions of the potential energy surface near minima and saddle points which represent transition states of the system. The migration energies Em are estimated
from the energy difference of the lowest potential minimum and
highest potential energy saddle point along the diffusion path. The
computational effort is thus focused on finding the saddle points of
the potential energy surfaces between local minimum energy configurations. For each of the diffusion paths considered, we find a
series of steps characterized by pairs of local minimum energy configurations. The search for the saddle point is implemented by assuming 4–7 intermediate “images” between each pair of local
minima. Each of the images is relaxed until the forces perpendicular

a

The argument can be summarized by assuming that ionic conductivity is related to
the temperature T, migration energy Em, and concentration of mobile ions n according to  · T ⬀ ne−Em/kBT. For extrinsic defects, the concentration of mobile
ions n is determined by the doping process and is independent of temperature. For
intrinsic defects, the concentration of mobile ions n is determined by the formation
of vacancy-interstitial pairs. We can assume that these defects are formed by a
perfect crystal ion moving into an interstitial site, ensuring an equal number of
vacancies and interstitials with a formation energy E f . Under conditions of thermal
equilibrium, the concentration 共n兲 of vacancies and interstitials is determined by a
Boltzmann factor n2 ⬀ e−E f /kBT and n ⬀ e−E f /2kBT.

Labels defined in Fig. 1.
Equivalent perfect crystal distances in Å measured before relaxation.
Maximum energy barrier in eV between these two sites, hopping in
either direction.

to the minimum energy path are less than 0.05 eV/Å. The energies
between each pair of local minima are determined by interpolating
between the energies of the images. We estimate that the accuracy of
this interpolation allows us to estimate the migration energy between
each pair of local minima within an error of ±0.05 eV. At each
image, in addition to the energy, we can calculate a “configuration
coordinate” which is a measure of the ion displacements at each
image 共I兲, scaled to the displacements of ions between the initial 共i兲
and final 共 f兲 metastable configurations
xiI = ⌬Xif

uiI
uif
I

where uiI ⬅

兺d

JJ−1

J=i+1

and dJJ−1 ⬅

冏兺

a
共RaJ − RJ−1
兲

a

冏

关2兴

Here RaJ denotes the atomic position of the ath atom of the supercell
for the Jth image. With this definition, for a supercell containing N
atoms, dJJ−1 measures the 3N-dimensional displacement between
images and the configuration coordinate xiI indicates the accumulated atomic displacement between the initial 共i兲 and Ith images
scaled by the physical displacement ⌬Xif of the defect during this
step.
Results and Discussion
Diffusion via vacancy mechanisms.— As shown in Fig. 1, if a
single Li ion is removed from the crystal, there are several neighboring Li ions which can hop into the vacancy site and contribute to
a three-dimensional diffusion. We have considered several possible
diffusion paths along the three orthogonal lattice directions. Since
there are two crystallographically inequivalent Li sites in this structure, there exist two metastable vacancy sites. We find that the total
energies of vacancies at the two inequivalent sites differ according
to
E共LiV共d兲兲 − E共LiV共c兲兲 = 0.22 eV
11

关3兴

using the crystallographic notation for the d-type site of multiplicity 8 and the c-type site of multiplicity 4. Diffusion steps which
involve these two different sites will therefore differ by ±0.22 eV
depending on whether the hopping direction is c type → d type or
d type → c type.
We have identified four likely diffusion paths which are summarized in Table II using the labels of Fig. 1 to indicate the vacancy
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Figure 2. 共Color online兲 Diagram of a-axis energy path for vacancy diffusion plotted along the configuration coordinate 共Eq. 2兲. The zero of energy is
taken as the energy of a Li-ion vacancy in a c-type site as calculated from
our supercell.

positions. For each step in the path, we list the distance as measured
from the corresponding perfect crystal sites and the maximal migration energy calculated from the NEB formalism for that step. The
calculated migration barriers of Li vacancies show a slight anisotropy 共0.6–0.7 eV兲 along the three crystallographic directions in
␥-Li3PO4.
As evident from Fig. 1, vacancy diffusion generally involves
zigzag motions such as the 1共d兲 ↔ 2共c兲 ↔ 3共d兲 path for diffusion
along the a axis. Figure 2 summarizes the NEB results for this case,
showing a smaller energy barrier for the first step and a 0.69 eV
barrier for the overall process. For the b axis, diffusion can proceed
directly along the axis with hops between adjacent minimum energy
sites of type d. The crystal structure is such that the distance between the 1 ↔ 4 sites is slightly smaller than the distance between
the 4 ↔ 5 sites and the migration barrier is slightly smaller for the
shorter path as shown in Fig. 3, with a 0.67 eV barrier for the overall process. One might expect to find a low migration barrier for the
b-axis diffusion, since recent simulations29,30 for olivine LiFePO4
have found Li ion diffusion to occur mainly along the onedimensional channels of its b axis which appears to have some
structural similarities to the b-axis Li ion channels in ␥-Li3PO4.
However, as shown in Table II and in Fig. 3, the migration energies
for this path are comparable to those of the a axis. For vacancy
diffusion along the c axis, there are two possible zigzag paths shown
in Table II and in Fig. 4. The lowest migration energy that we have
found occurs for the 4共d兲 ↔ 8共d兲 ↔ 7共d兲 path which consists of
two equivalent segments with a net barrier of 0.56 eV.
Diffusion via interstitial mechanisms.— While Li3PO4 has a reasonably closed packed structure, there exist other materials, such as

Figure 3. 共Color online兲 Diagram of b-axis energy path for vacancy diffusion similar to Fig. 2.

Figure 4. 共Color online兲 Diagram of c-axis energy path for vacancy diffusion similar to Fig. 2, showing two possible diffusion paths.

the electrolyte Li4SiO4 31 and metallic Li in its bcc structure which
have a higher density of Li ions; thus it is reasonable to expect the
possibility of inserting interstitial Li ions into Li3PO4. In fact, viewing the crystal structure of ␥-Li3PO4 along the c or b axes reveals
two types of the void channels. It is convenient to enumerate the
metastable interstitial sites based on two geometrically distinct void
channels along the c axis, which we label “I” and “II.” Figure 5
shows the equilibrium positions of the lowest energy configurations
of an interstitial Li ion in each of those two channels, labeled I0 and
II0, respectively, while Table III lists their relative energies and approximate positions in terms of fractional coordinates of the perfect
crystal unit cell. Because of the Pnma crystal symmetry, within a
unit cell there are four sites equivalent to the I0 site and eight sites
equivalent to the II0 site shown in Fig. 5 and in Table III. Figure 6
shows the relaxed structures of these same interstitial configurations
viewed along the b axis. In this view, it is apparent that configura-

Figure 5. 共Color online兲 Ball and stick drawing of metastable interstitial Li
ion configurations viewed along the c axis using the same conventions as
Fig. 1 with the interstitial sites labeled I 共left兲 and II 共right兲 共colored green on
line兲. These correspond to the I0 and II0 sites, respectively, as listed in Table
III.
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Table III. Parameters of some interstitial sites.
Label
I0
I1
II0
II*

Energya

xb

y

z

0.00
0.78
0.18
0.35

0.30
0.28
0.52
0.50

0.25
0.25
0.07
0.00

0.00
0.59
0.57
0.50

a

Energies are given relative to the energy of the I0 configuration in
units of eV.
b
Coordinates of the interstitial site are given as fractional coordinates
of the perfect crystal structure listed in Table I.

tion II0 results in much more drastic lattice distortion particularly of
nearest-neighbor c-type Li ions than does the I0 configuration. In
fact, as listed in Table III, there are two symmetry related metastable
interstitial sites in channel II equivalent to the II0 site separated by
saddle point which we label II* at the center of the cell. Note that II*
is located at a site in the crystal with Pnma symmetry so that there
are four equivalent sites per unit cell. A NEB simulation using an
initial path which includes an image slightly perturbed from the high
symmetry II* configuration confirms that it is a saddle point and not
a higher order maximum of the potential energy surface. In Table III
we also list a higher energy metastable interstitial configuration
found in channel I. While undoubtedly there are additional metastable interstitial sites, the structures listed in Table III represent the
relaxed structures obtained from a general scan of reasonable trial
geometries.
Each diffusion step of the interstitial Li ion involves two of the
metastable configurations listed in Table III or their equivalence,
showing the interstitial diffusion is the most efficient ion transport.
We have found that diffusion between I0 共−0.30, 0.75, 1.00兲 and its
equivalent I0 共−0.20, 0.25, 0.50兲 sites takes place most efficiently
via concerted motion of the interstitial Li ion and a neighboring Li
ion at a d-type site of the host lattice which is referenced in the
literature24,25,32 as an interstitialcy mechanism. During the interstitialcy process, an interstitial Li ion at an I0 site kicks out and replaces a neighboring d-type Li of the host lattice while the “kickedout” Li ion takes an equivalent interstitial I0 site. As shown in Fig. 7,
the NEB results indicate that the migration energy for this interstitialcy step is Em = 0.21 eV. Diffusion along the b and c axes for an
interstitial ion in any “I”-type channel can thus be described as a
series of zigzag steps with this mechanism. This interstitialcy process is by far more efficient energetically than any of the other
interstitial diffusion mechanisms we have considered including direct hopping between I0 and neighboring I0 or I1 sites.
Diffusion along the a axis involves processes in both the I- and
II-type void channels. One possible mechanism is summarized in
Table IV and in Fig. 8, involving an interstitial ion at an I0 site at
共0.30, 0.25, 1.00兲 diffusing to an equivalent I0 site at 共0.70, −0.25,
0.00兲 with an overall migration energy of Em = E共II*兲 − E共I0兲

Figure 7. 共Color online兲 Diagram of energy path for interstitial diffusion
along the b and c axes between adjacent I0 configurations via an interstitialcy
mechanism.

Table IV. Interstitial diffusion steps.
Type
Interstitialcy
Interstitialcy
Direct hop
a
b

Step

Net distancea

E mb

I0 ↔ I0
I0 ↔ II0
II0 ↔ II*
I0 ↔ II0 ↔ II* ↔ II0 ↔ I0

4.1
3.4
0.6
7.2

0.21
0.23
0.17
0.35

Equivalent perfect crystal distances in Å measured before relaxation.
Maximum energy barrier in eV between these two configurations.

Figure 8. 共Color online兲 Diagram of energy path for interstitial diffusion
along the a axis between adjacent I and II channel sites using a combination
of interstitialcy and direct hop steps.

= 0.35 eV. This diffusion consists of three steps: 共1兲 I0 ↔ II0, 共2兲
II0 ↔ II* ↔ II0, and 共3兲 II0 ↔ I0. For the diffusion step 1 which
has an energy barrier of 0.23 eV,b an interstitial Li ion at an I0 site
共0.30, 0.25, 1.00兲 kicks a neighboring c-type Li ion of the host
lattice into a II0 configuration with the interstitial site 共0.52, 0.07,
0.57兲. For the diffusion step 2 within the type II void channel, the Li
ion at the interstitial II0 site performs a direct hop to its equivalent
II0 site 共0.48, −0.07, 0.43兲 via the saddle point configuration II*
共0.50, 0.00, 0.50兲, resulting in a 0.17 eV barrier. For the diffusion
b

Figure 6. 共Color online兲 Interstitial configurations shown in Fig. 5 viewed
along the b axis.

The dip in the energy path between I0 and II0 共Fig. 8兲 is very sensitive to the details
of the NEB calculation. If fewer images are used, the small dip can be missed and
Em can be overestimated by 0.03 eV which is consistent with the ±0.05 eV general
error estimate for the NEB calculations in this work.

Journal of The Electrochemical Society, 154 共11兲 A999-A1004 共2007兲
Table V. Activation energies EA (eV) for Li ion conductivity in
crystalline ␥-Li3PO4.

a

Net direction

EA 共This work兲

EA 共exp.a兲

a
b
c

1.2
1.0
1.0

1.23
1.14
1.14

Reference 23.

step 3, the Li ion at the interstitial II0 site kicks out another distorted
c-type Li ion of the host lattice into an I0 configuration 共0.70, −0.25,
0.00兲. It is worth noting that this mechanism has an inversion symmetry centered at the saddle point configuration II* at the site 共0.50,
0.00, 0.50兲.
The simulations of the interstitialcy mechanism described here
for diffusion within the type I void channels or for diffusion between
type I and type II void channels suggest possible mechanisms for
interstitial Li ion diffusion in all three crystallographic directions.
The calculated migration energies of Em = 0.35 eV for the a-axis
diffusion and Em = 0.21 eV for the b- or c-axis diffusion are considerably smaller than experiment3,23,31,33 and smaller than the calculated barriers for the vacancy mechanisms.
Formation energies for vacancy-interstitial pairs of defects.—
By definition, in a perfect crystal no vacancies or interstitial ions can
exist, so that mobile species such as vacancies and interstitials must
first be created before ion diffusion can occur. In real crystals, intrinsic defects 共vacancy-interstitial pairs兲 are created thermally with
a formation energy E f . Hence the resulting conductivity has an activation energy of EA = Em + E f /2. We have estimated the formation
energy for a Li ion vacancy-interstitial pair using our supercells. So
far, the lowest energy for the defect formation is found to be E f
⬇ 1.6 eV in ␥-Li3PO4, formed by relaxing the initial geometry of
an interstitial ion in an I0 site and a next neighbor vacancy in a c
site. 共Using the nearest neighbor vacancy site, the system relaxes
into the perfect crystal geometry.兲 The interstitial diffusion with migration barriers of Em = 0.2–0.4 eV dominate the vacancy diffusion
with migration barriers of Em = 0.6–0.7 eV in the crystal. Using the
migration barriers for interstitials, we can estimate activation energy,
EA, of ion diffusion within a crystalline ␥-Li3PO4 and compare it to
the measurements on aligned single crystals23 in Table V. The computed activation barriers of EA = 1.0–1.2 eV agree well with the
experimental results of 1.1–1.2 eV, varying slightly along the three
crystallographic directions. In addition, our results show the interstitial diffusion along the b and c axes to have the same atomistic
mechanism 共see Fig. 7兲, which is consistent with the fact that the
activation barriers along the b and c axes are measured to be the
same in the experiment.23 Other authors3,31,33 have reported activation energies of 1.2–1.3 eV for polycrystalline samples of ␥-Li3PO4
which are also in good agreement with our calculated results.
Conclusion
In summary, we have identified the vacancy and interstitial diffusion mechanisms of Li ions in all three crystallographic directions
of ␥-Li3PO4. The vacancy diffusion is slightly anisotropic, with the
lowest migration energy occurring for zigzag paths along the c axis
determined to be Em = 0.56 eV. The interstitial diffusion is also
slightly anisotropic and involves interstitialcy mechanisms which
result in much lower migration energies of Em = 0.21 eV for diffusion along the b and c axes and Em = 0.35 eV for diffusion along the
a axis. Since it has lower migration barriers, the interstitial diffusion
mechanism dominates the vacancy diffusion mechanism, provided
that interstitial defects are present or can be created. Intrinsic defects
control the diffusion process in single crystals23 and polycrystalline
samples,3,31,33 where the activation energies are found to be EA
= 1.1–1.3 eV. The formation energy of intrinsic defects 共a vacancy-

A1003

interstitial pair兲 is computed to be E f = 1.6 eV. The resulting activation energies of intrinsic defects are EA = 1.0–1.2 eV along the
three crystallographic directions, in good agreement with the experiments. The diffusion along the b and c axes is found to be controlled
by the same atomistic mechanism, consistent with the experimental
results23 which find EA to be the same for these two crystal orientations.
In crystals prepared with a measurable number of extrinsic vacancies, the measured activation energy is considerably reduced. For
example, Wang and co-workers3 prepared a crystal with the measured stoichiometry of Li2.88PO3.73N0.14, which has 4% Li vacancy
per formula unit approximately adjusted for charge neutrality. For
this material, the activation energy was measured to be EA
= 0.97 eV, reduced by 0.27 eV from that of the pure material. The
Oak Ridge group also has measured the activation energies of thin
films of this material with varying Li content 共as well as the introduction of varying amounts of N兲, finding activation energies between EA ⬇ 0.6 and 0.7 eV. Considerably more calculations will be
needed to determine whether the mechanisms we have modeled for
the crystalline material have any validity for the thin films. However, it is reassuring to note that materials with nonstoichiometric
amounts of Li show activation energies comparable to Em values
calculated for the vacancy diffusion mechanism.
On the basis of our modeling, we believe that the interstitialcy
mechanism should provide the most efficient ion transport. Perhaps
the fact that this has not yet been verified by experiment can be
attributed to the fact that samples with excess Li ions have not been
prepared. Nevertheless, an early study of Li4SiO4–Li3PO4 solid
solutions31 has shown that a Li4SiO4–Li3PO4 solid solution with a
0.6 mole fraction of Li3PO4 has the lowest activation energy of
EA = 0.5 eV compared to the EA = 1.3 eV activation energy for
pure Li3PO4. It is expected that the Li4SiO4–Li3PO4 solid solution
may contain a significant concentration of Li interstitials, which
could perhaps contribute to the reduction in activation energy. The
computed migration energy of Em = EA = 0.2–0.4 eV for Li ion interstitials is lower than the measured EA = 0.5 eV activation energy
in the Li4SiO4–Li3PO4 solid solution. It would be interesting to
perform additional calculations to see if this might be due to the
structural difference between the Li4SiO4–Li3PO4 solid solutions
and the pure ␥-Li3PO4 or perhaps due to trapping defects.
The results reported here have identified the main basic processes involved with Li ion diffusion in Li3PO4 materials. In future
work,34 we will investigate the effects of the crystalline structure by
comparing results for the ␥ structure with those for the ␤ structure,
as well as comparing the effects of the form of the exchangecorrelation functional. In addition, we will consider the effects of N
doping and O vacancies. Cluster calculations reported in the
literature35 find N to have a significant effect on the migration barrier of Li ion vacancies. The actual barriers reported in that work are
considerably larger than those reported here. In addition, we plan to
consider interface effects which might also provide sources and
sinks for defects. In electrolyte applications, the interface can have
significant effects on the Li ion transport, compared with the bulk
effects discussed here.
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